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Abstract
The mechanical behavior of nanocrystalline (NC) metals has attracted widespread interest, though the majority of eﬀorts have
focused on (nominally) pure metals. By comparison, the mechanisms of deformation and strengthening in NC alloys, especially those
with high segregation propensity and strong chemical interactions, are less well understood. Here we present a quantitative investigation
on the mechanical behavior of such an alloy system. NC Al–O thin ﬁlms are synthesized by means of confocal co-sputtering, which
enables a wide-range and quasi-independent control over impurity content and grain size. Detailed characterization combining transmission electron microscopy with three-dimensional atom probe tomography identify the multiple morphologies of O impurities in a
composite-like microstructure, including nanosized a-Al2O3 precipitates, O-rich clusters segregated along grain boundaries, and O solute
atoms inside Al grains. Individual contributions of these strengthening features to the mechanical properties of NC Al–O thin ﬁlms, as
measured by instrumented nanoindentation, are then well delineated by a microstructure-informed analytical model. Dislocations emitted from grain boundaries are pinned by the stronger obstacles and cut through the weaker, and we show that the strong chemical interactions of this Al–O system play a dominant role in its pronounced strengthening capability. The inﬂuence of O impurities on the
plasticity and deformation mechanisms in NC Al ﬁlms is also discussed based on microtensile testing.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Nanocrystalline (NC) metals have attracted widespread
interest due to their outstanding mechanical behavior
including high strength [1–4], improved ﬂaw tolerance
[5,6], and high resistance to corrosion [7], fatigue [8] and
wear [9]. However, the mechanisms governing plastic
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deformation and strengthening in NC metals have not been
fully explored on a quantitative level. While some experiments have shown that the conventional Hall–Petch (H–
P) relationship can be extrapolated from the coarse- and
ultraﬁne-grained regime to grain sizes as small as 10–
20 nm [2,10–12], more recent studies by means of in situ
testing [6,13–23] and atomistic simulations [10,24–29] have
underlined the emergence of new deformation mechanisms
at reduced size scale. These include twinning/detwinning
[13,22], dislocation emission/absorption at grain
boundaries (GBs) [14,21,24,26], GB sliding [10,27–29],
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grain rotation [15,25], GB migration [16,27] and stress-coupled grain growth [15–20], which provide new prospects for
tailoring the mechanical properties of NC metals.
However, most studies to date have focused on (nominally) pure NC metals. As a classic strengthening strategy
in bulk structural materials [30], alloying is also expected
to play a prominent role in governing the microstructure
and mechanical properties of NC metals. It has been recognized that GB migration can be retarded by solute atoms,
either through the kinetic drag eﬀect [31] or by the reduction of GB energy due to solute segregation along GBs
[32,33]. A more reﬁned model to predict the thermodynamic stability of NC alloys based on the free energy of
mixing was recently proposed by Schuh et al. [34,35].
Consequently, NC alloys can be adequately stabilized
against thermal grain growth, thus retaining their ﬁne grain
size and concomitant high strength [36,37]. The mechanical
stability of NC alloys [38,39], in contrast, has received
much less attention despite many reports of stress-driven
grain growth in (nominally) pure NC metals [15–20]. In
one study, Tang et al. conﬁrmed the segregation of O
atoms at GBs of NC Al thin ﬁlms by using threedimensional atom probe tomography (3D-APT) [40], and
showed that the GB excess of O increased with the base
pressure of sputtering deposition [41]. Additions of O also
led to the suppression of stress-driven grain growth, accompanied by a transition of tensile behavior of the freestanding
NC Al thin ﬁlms [18] from “ductile and moderately strong”
to “very strong and brittle”, which qualitatively corroborated atomistic simulations by Elsener et al. [42] showing
that the critical stress for coupled GB migration increased
with the GB excess of impurity atoms. Beyond these studies
of nanostructural stability, the applicability of classic
strengthening models (i.e. based on dislocation–obstacle
interactions) in NC alloys remains an open question. To
this end, Rupert et al. [43] recently proposed a new mechanism for solid–solution strengthening of NC alloys. By
combining the classic Fleischer model [44] with the GB-pinning eﬀect of dislocations, which was augmented by a modiﬁcation of global lattice properties due to alloying, the
strengthening behavior of their Ni–W alloys as well as several other NC alloys were well described.
Experimentally, alloy strengthening of NC thin ﬁlms has
mainly focused on metal–metal binary systems including
Cu–Fe [45,46], Cu–Nb [46], Ni–Cu [45], Ni–W [11,44],
Al–Fe [47] and Al–Mo [48]. Taken as a whole, the eﬀectiveness of strengthening was found to increase with segregation energy and the size misﬁt between solute and solvent
atoms [49]. However, the strengthening behavior of NC
alloy systems with both high segregation propensity and
strong chemical interactions, such as Al–O [42] and Ni–P
[50], is still far from understood. Systematic investigations
of this type of NC alloys have special signiﬁcance due to
their extraordinary eﬀectiveness for grain size reﬁnement
[34] and strengthening, thus serving as promising candidates for applications such as wear-resistant coatings
[51,52] and oxide-dispersion-strengthened alloys [53,54].

On the other hand, quantitative modeling of the impurity
strengthening mechanisms in these complex microstructures also faces special diﬃculties, as the cooperation
between the multiple strengthening features, including but
not limited to solute atoms, precipitates and GBs, requires
a thorough characterization of both spatial distribution
and chemical states of the impurities. However, atomistic
simulations are of limited assistance in this regard since
accurate interatomic potentials with strong charge-transfer
characteristics are still relatively immature [42]. In addition, convolution of the strengthening eﬀects coming from
impurity and grain size, a common and elusive issue in NC
alloys [45,48], also needs to be addressed. Accurate control
of impurity content through ﬁlm deposition is another
practical issue (at least for the Al–O system), since the
previous route of changing base pressure [41] showed only
limited control of impurity content and species.
In the present study, NC Al–O thin ﬁlms were synthesized by means of co-sputtering, which enables wide-range
and quasi-independent control over impurity content and
grain size. By using transmission electron microscopy
(TEM) combined with 3D-APT, the multiple morphologies
of O are identiﬁed in a complex composite-like microstructure, and their strengthening contributions to the mechanical properties of NC Al–O thin ﬁlms, as measured by
instrumented nanoindentation, are distinguished based on
an analytical model. The inﬂuence of O impurities on the
deformation mechanisms of NC Al ﬁlms is also discussed
based on microtensile testing.
2. Materials and methods
NC Al thin ﬁlms with varied O content were synthesized
by magnetron co-sputtering in an Explorer 14 sputtering
system (Denton Vacuum). A 99.999% pure Al target and
a 99.995% pure a-Al2O3 target were conﬁgured in confocal
geometry, and the chamber stage was rotated to maintain
uniformity of ﬁlm thickness and composition. The Al target
was sputtered by DC powers of 200 and 300 W, whereas the
RF power on the a-Al2O3 target was varied from 0 to
150 W, yielding 12 deposition batches with 8 diﬀerent
DC/RF power combinations: 200/0, 200/10, 200/50, 200/
100, 300/0, 300/15, 300/75 and 300/150. Hereinafter, all
batches are referred to by their DC (the ﬁrst number) and
RF (the second number) powers in Watts. For each batch,
NC Al–O thin ﬁlms were deposited on Si(1 0 0) with the
native oxide layer intact [55], fused silica glass and Cu
TEM grids with supporting C ﬁlms. The chamber was evacuated to 4  107 Torr and then ﬁlled with Ar gas ﬂow at
25 sccm. Deposition was performed at a chamber pressure
of 5  103 Torr. Deposition rates (for each DC power)
were calibrated beforehand so that similar ﬁlm thicknesses
(t) of 160–180 nm were achieved for most batches.
For each batch, global O content (CO) was measured in
the ﬁlms deposited on Si(1 0 0) by using energy-dispersive
spectroscopy (EDS) in an FEI Quanta 600 scanning
electron microscope (SEM) operated at 10 kV. Plan-view
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TEM characterization (bright-ﬁeld imaging, dark-ﬁeld
imaging and selected-area electron diﬀraction) were performed in a JEOL 2100 for the ﬁlms directly deposited on
Cu grids, and grain size statistics were carried out based
on the area-equivalent circular diameters [43] of over 1000
grains, which were manually traced out from dark-ﬁeld
images. Cross-sectional TEM specimens were cut and lifted
out from selected batches of ﬁlms deposited on Si(1 0 0) by
using a focused ion beam (FIB, FEI Strata DB235) operated at 30 kV (an ion beam current of 30 pA was used for
ﬁne milling), and subsequently transferred to a Cu TEM
grid using a MM3A micromanipulator (Kleindiek Nanotechnik). High-resolution TEM (HRTEM) imaging for
the cross-sections was then performed using a JEOL 2010F.
For the preparation of atom probe specimens, similar
cross-sections were transferred to an electropolished Mo
TEM grid [56] in a FEI Quanta 200 3D FIB/SEM. The
growth direction of ﬁlms was oriented perpendicular to
the axis of Mo tips, which maximized the volume of ﬁlms
that can be captured. Fine milling was then carried out in
a Zeiss Auriga FIB/SEM using a low-energy (5 kV) ion
beam in order to minimize Ga implantation [56]. Atom
probe data were acquired using a Cameca LEAP 4000X
Si operated in voltage pulsing mode at 40 K, with pulsing
voltage being 20% of DC bias voltage. The evaporation
rate was kept at 1% of the pulsing rate of 200 kHz for all
experiments. Data reconstruction and visualization were
performed using the protocol by Geiser et al. [57] and
3Depict software [58]. O+, AlO+ and minor amounts of
2+
2+
+
2+
O+
2 , O , AlO , AlO2 and AlO2 were identiﬁed in the
mass spectrum as O-containing species, which were used
for the visualization of O distribution. The O contents in
atom probe specimens were also measured and (when
applicable) compared with the global CO measured by
EDS. Analysis of O distribution was facilitated by means
of Voronoi volume distribution through custom MATLAB
(Mathworks Inc.) programs [59].
The mechanical properties of NC Al–O thin ﬁlms were
measured by instrumented nanoindentation for each batch
of ﬁlms deposited on glass substrates, which provide the
lowest elastic mismatch with the ﬁlms, thus simplifying
the extraction of intrinsic ﬁlm properties [60]. Continuous
stiﬀness measurements (CSM) [61] were carried out using
an Agilent G200 with DCM II module and a diamond Berkovich tip. All tests were performed using constant inden_
tation strain rates (_ei ¼ h=h,
where h is indentation depth)
modulated with a small (<1 nm) displacement oscillation
at 50 Hz. The maximum indentation depth was 450–
500 nm, which was more than twice t. The Saha–Nix
method [60] was applied to calculate the “true” indentation
hardness of ﬁlms. Each data presented is averaged from at
least 16 indentations.
Microtensile testing was also carried out for selected
batches of ﬁlms using a custom-built system, as previously
described in detail [62]. First, microtensile-bar arrays were
patterned on negative photoresist (Futurrex NR9-3000PY,
thickness 3 lm) spun on a Si wafer, and NC Al–O thin

271

ﬁlms were deposited on the photoresist layer (alongside
the other substrates mentioned above). The microtensilebars were then lifted oﬀ in acetone and transferred to
polypropylene microframes. The side-strips of these microframes were easily burnt away with a soldering iron after
mounting and alignment, leaving the freestanding
microtensile-bars, which were then uniaxially loaded at a
constant strain rate of 4  105 s1. Load was directly
measured from a 100 mN load cell (with 0.1 mN load resolution), and strain was measured in the gauge section
using digital image correlation (with 105 strain resolution)
of the optical microscopic images recorded during testing
[62].
3. Results
3.1. Microstructural characterization
Table 1 lists the thickness, composition, grain size statistics and mechanical properties of all batches of NC Al–O
thin ﬁlms; the detailed measurement process is presented
in this section. Consistent microstructure (and thus
mechanical properties) was conﬁrmed and can be expected
for the same batch of ﬁlms deposited on diﬀerent substrates, in view of the similar amorphous nature of all substrate surfaces [55]. A series of bright-ﬁeld TEM images
(Fig. 1) shows the plan-view microstructure of NC Al–O
thin ﬁlms, which substantially varied with DC/RF powers,
and Fig. 2a,b show representative electron diﬀraction patterns. Quasi-continuous diﬀraction rings composed of discrete spots from face-centered cubic (fcc) Al were
revealed for all batches of ﬁlms, with no evidence of strong
in-plane or out-of-plane texture. The absence of (or weak)
texture has also been reported in some NC Al [18,55] and in
certain alloyed [43,63] thin ﬁlms sputtered on amorphous
substrates. In addition, a few extra spots, which were
indexed as a-Al2O3 using the fcc-Al rings as an internal reference, were seen in all co-sputtered ﬁlms. Even the nominally pure 200/0 and 300/0 ﬁlms (RF power turned oﬀ)
were no exception, though with far fewer extra spots
observed, which may result from residual O in the chamber
and the strong chemical interactions of the Al–O system.
This composite microstructure was further revealed via
grain size statistics as measured from dark-ﬁeld TEM
images. Rather than common log-normal distribution,
the representative grain size statistics shown in Fig. 2c
and d were more accurately ﬁtted by the superposition of
two log-normal distributions, as indicated by the strongly
asymmetric proﬁle in logarithmic coordinates. Indeed, the
two separate distributions arise from respective contributions of Al grains and a-Al2O3 precipitates, as shown
below. Therefore, the mean grain size (hdAli) is hereinafter
deﬁned as the larger average size of the two distributions.
Fig. 3 plots hdAli vs. CO for all batches of ﬁlms. For a
ﬁxed DC power, it is evident that hdAli decreased and CO
increased with increasing RF power. Similar grain size
reﬁnement by impurities has been extensively observed in
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Table 1
Summary of NC Al–O thin ﬁlms: target powers, ﬁlm thickness, composition, grain size statistics, and mechanical properties determined by
nanoindentation and microtensile testing (see text for details).
DC/RF (W)

t (nm)

CO (at.%)

hdAli (nm)

hdNPi (nm)

Hf (GPa)

300/0
200/0
200/0
300/15
200/10
200/10
300/75
200/50
200/50
300/150
200/100
200/100

180
184
156
180
180
122
210
187
206
210
178
170

0.5 ± 0.1
0.7 ± 0.1
0.8 ± 0.1
0.9 ± 0.1
1.1 ± 0.1
1.2 ± 0.3
2.0 ± 0.3
2.8 ± 0.2
2.9 ± 0.2
4.8 ± 0.5
7.1 ± 0.3
7.9 ± 0.2

76
86
84
71
76
49
38
38
40
19
32
28

10
10
9
9
8
9
11
10
9
7
8
13

1.4 ± 0.1
1.3 ± 0.1
1.3 ± 0.1
1.5 ± 0.1
1.4 ± 0.1
1.7 ± 0.1
2.2 ± 0.2
1.8 ± 0.1
1.9 ± 0.2
2.5 ± 0.3
2.4 ± 0.2
2.6 ± 0.2

ry (MPa)

UTS (MPa)

ef (%)

64 ± 4
93 ± 18

211 ± 1
230 ± 2

4.2 ± 0.2
1.8 ± 0.5

205 ± 11
133 ± 14

354 ± 13
235 ± 6

1.0 ± 0.1
2.1 ± 0.4

Fig. 1. Bright-ﬁeld TEM images of co-sputtered NC Al–O thin ﬁlms using diﬀerent DC power on Al target (the ﬁrst number) and RF power on a-Al2O3
target (the second number).

NC alloys synthesized by various routes [45,64], while sputtering deposition in far-from-equilibrium conditions has
been shown capable of controlling microstructure with an
extra degree-of-freedom, i.e. the deposition rate [43,65].
Here we show that for a ﬁxed ratio of DC/RF powers
but increasing DC power, hdAli generally decreased (for
similar t) due to the increase of deposition rate. Meanwhile,
CO was also found to decrease, presumably because less
residual O inside the chamber was incorporated into the
ﬁlms when using shorter deposition times. Overall, the
confocal co-sputtering approach employed here has demonstrated the potential for systematic and, more importantly, separate variation of O content and grain size, by
combining control of the DC and RF powers on Al and
Al2O3 targets (see inset of Fig. 3).

The distinct morphologies of O impurities in the composite microstructure of NC Al–O thin ﬁlms were further
revealed by HRTEM characterization of cross-sectional
specimens. A low-magniﬁcation bright-ﬁeld image
(Fig. 4a) shows the predominance of elongated grains. Typically, several (sometimes single) grains could be found
through the ﬁlm thickness, and further measurements
based on dark-ﬁeld TEM images yielded an averaged
aspect ratio (g) of 2.3 ± 0.4 for these Al grains, with the
major axis aligned with the growth direction of ﬁlm.
Fig. 4b presents an experimental HRTEM image, and
Fig. 4c is the corresponding Fourier transform, in which
reﬂections from both fcc-Al and a-Al2O3 can be indexed.
The shape and location of these two phases were
further highlighted by reﬂection-ﬁltered inverse Fourier
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Fig. 2. Selected-area diﬀraction pattern and grain size statistics of (a and c) the co-sputtered 200/50 ﬁlm and (b and d) the nominally pure 200/0 ﬁlm. Extra
spots (marked by circles) in (a and b) are mostly indexed as a-Al2O3. A few oﬀ-center spots are not indexed because there are many planes with similar
interplanar spacings. Solid curves in (c and d) are ﬁtted using superposition of two log-normal distributions (shown by dashed curves). (For interpretation
of the references to color in this ﬁgure, the reader is referred to the web version of this article.)

Fig. 3. Variation of global O content (CO) and mean grain size (hdAli) of
NC Al–O thin ﬁlms. Inset arrows show the eﬀects of DC and RF powers
on CO and hdAli. Dashed lines (as visual guides) show the trends for each
DC power. (For interpretation of the references to color in this ﬁgure, the
reader is referred to the web version of this article.)

transforms. Whereas the Al grains (e.g. in Fig. 4d) were
conﬁrmed to be elongated, the a-Al2O3 precipitates (e.g.
in Fig. 4e) were mostly spherical. In addition, a-Al2O3 precipitates were typically found overlapping with Al grains in
HRTEM images, resulting in the secondary diﬀraction
spots frequently observed in Fourier transforms (e.g. the

“SD” in Fig. 4c). However, more dedicated characterization (such as electron tomography based on tilt-series
HRTEM) would be required to clarify whether a-Al2O3
precipitates are located inside Al grains or at GBs. Nevertheless, a-Al2O3 precipitates were commonly found in
HRTEM images in all examined cross-sectional specimens
with diﬀerent DC/RF powers. Fig. 4f shows that their size
statistics followed a log-normal distribution with an average size of 7 nm, qualitatively in accordance with the grain
size statistics obtained from plan-view dark-ﬁeld images,
where the distribution with smaller average size was centered at 9 nm (averaging all batches of ﬁlms, see hdNPi in
Table 1). Interestingly, the precipitate sizes were largely
invariant to CO and hdAli. Thus, we conﬁrmed that the
bimodal grain size distribution, as typically shown in
Fig. 2c and d, resulted from the composite of Al grains
and a-Al2O3 precipitates in NC Al–O thin ﬁlms.
In the above TEM (both dark-ﬁeld and HRTEM) characterization, the lower size limit for a-Al2O3 precipitates
that can be clearly identiﬁed was 2 nm, as limited by
the intensity of coherent scattering. However, the co-sputtered ﬁlms presumably contained an abundance of O impurities in other forms with even smaller sizes, such as
precipitate embryos containing only a few unit cells [54],
O-rich clusters and GB-segregated solute atoms as previously reported [40]. The spatial distribution and chemical
states of these O species are also expected to play important
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Fig. 4. Cross-sectional TEM characterization of NC Al–O thin ﬁlms. (a–e) Representative results of the 200/50 ﬁlm. (a) Low-magniﬁcation image. (b)
Experimental HRTEM image and (c) Fourier transform of (b). The subscripts Al and a corresponds to reﬂections from Al grain and a-Al2O3 precipitate,
respectively. SD is the secondary diﬀraction between (1 1 1)Al and (1 1 2 3a. (d) Inverse Fourier transform of (c) ﬁltered by (1 1 1)Al. (e) Inverse Fourier
transform of (c) ﬁltered by (1 1 2 3)a. (f) Size statistics of a-Al2O3 precipitates as measured from HRTEM images of diﬀerent cross-sectional
specimens. (For interpretation of the references to color in this ﬁgure, the reader is referred to the web version of this article.)

roles in governing the mechanical behavior. To this end,
3D-APT is an ideal technique providing spatial resolution
at the atomic scale with concurrent chemical identiﬁcation
of each atomic species [66–68]. Atom probe datasets were
obtained from the 200/0, 200/10, 200/50 and 300/75 ﬁlms,
and Fig. 5a shows a representative reconstructed image of a
slice with volume of 130  120  8 nm3 cropped from a
dataset obtained from a 200/50 ﬁlm. Al, O and Ga atoms
are shown as yellow, green and red dots, respectively. Ga
atoms are segregated along Al GBs, which is a well-understood artifact of the specimen preparation process by FIB
[69,70] and helps to outline the Al grains. In all datasets, no
evidence of gradients in grain size was observed through
the ﬁlm thickness. Fig. 5b shows the spatial distribution
of O atoms in the same slice as Fig. 5a. However, it is
not obvious from simple visualization of the dataset
whether there is an increase of O content near the GBs as
outlined by the Ga atoms. To this end, the segregation of
O atoms was further investigated by means of Voronoi volume (VV) distribution analyses [59], which highlighted the
localized variation of O concentration. Fig. 5c shows the
experimental VV distribution of all O atoms in the 200/50
ﬁlm dataset (fEXP(VV)), the calculated VV distribution of
the same number of randomly distributed O atoms (fRND
(VV)), as well as their diﬀerence, indicating that O atoms
were indeed not uniformly distributed in our ﬁlms. Based

on this, the extra O atoms that belong to regions with VV 6
VV0, which is the ﬁrst zero point of fEXP(VV)–fRND(VV),
and equivalently with O concentration higher than a
threshold level, were picked out and classiﬁed as O-rich
clusters, while the remaining O atoms were considered as
random solutes (see Fig. 5c, and more details in Ref.
[59]). Their spatial distributions in the same slice as
Fig. 5a are shown in Fig. 5d and e. This visualization conﬁrms that the solute atoms were quite uniformly dispersed
throughout the specimen. In contrast, the O-rich clusters
were mostly present in the vicinity of GBs. Fig. 5f further
shows the size (N) distribution of O-rich clusters in the
dataset of 200/50 ﬁlm. Only the O-rich clusters larger than
a cutoﬀ size [59], which was 7–9 atoms for all our datasets,
were considered to be reliably distinguished from the random solutes, as the probability of ﬁnding these clusters in
real atom probe datasets was signiﬁcantly higher than that
in the virtual group of randomly distributed O atoms (also
shown in Fig. 5f). Thus, we propose the following empirical
ﬁtting curve for the cluster size distribution:




N
N
fCL ðN Þ ¼ exp p1 exp 
þ p3 
:
ð1Þ
p1 p2
p4
p1, . . ., p4 are ﬁtting parameters, with p4 > p2 > 0. When N
was very small, the population of clusters (fCL) decreased
drastically with increasing N, following an exponential
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Fig. 5. 3D-APT characterization of NC Al–O thin ﬁlms. (a) Reconstructed image of a typical slice with volume of 130  120  8 nm3 from the dataset of
200/50 ﬁlm. Al, O and Ga atoms are represented by yellow, green and red dots, respectively. Only 8% of Al atoms are shown for clarity. (b) Spatial
distribution of all O atoms in (a). (c) Experimental Voronoi volume (VV) distribution of all O atoms in the dataset of 200/50 ﬁlm (blue curve), calculated
VV distribution of the same amount of randomly distributed O atoms (green curve), and their diﬀerence (red curve) which deﬁnes the threshold (VV0)
between O-rich clusters and random O solutes. (d and e) Spatial distribution of (d) O-rich clusters and (e) O solutes in (a). O atoms in clusters and solutes
are represented by blue and black dots, respectively. (f) Size distribution of O-rich clusters in the dataset of 200/50 ﬁlm (solid circles) and the virtual group
of randomly distributed O atoms (open circles). The arrow shows the cutoﬀ size of clusters. The ﬁtting curve is given by Eq. (1). (For interpretation of the
references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

decay as in the virtual group of random solutes [59]. When
N became larger, fCL positively deviated from the random
solutes and ﬁnally converged to a much slower exponential
decay, indicating the segregation of O-rich clusters. Cluster
size distributions of all datasets were well ﬁtted using Eq.
(1). For instance, p1 = 6.97, p2 = 5.73, p3 = 0.264 and
p4 = 184 for a dataset of 200/50 ﬁlm (see Fig. 5f). The average cluster size (hNi) was then calculated based on Eq. (1)
for each dataset, ranging from 25 to 33 atoms and yielding
an average of 30 atoms, equivalent to a diameter of 1.4 nm
if considered as a-Al2O3 precipitates. Moreover, individual
O-rich clusters containing as many as 700 atoms (equivalent to a-Al2O3 precipitates with a diameter of 3.8 nm) were
occasionally observed in each dataset. Thus, we suggest
that the upper size limit of O-rich clusters revealed by
3D-APT has overlapped with the lower size limit of aAl2O3 precipitates revealed by HRTEM. Nevertheless, aAl2O3 precipitates larger than 2 nm were observed quite
rarely by 3D-APT, possibly due to the brittleness of atom
probe specimens with high O content (i.e. containing large
a-Al2O3 precipitates) and the very diﬀerent emission ﬁelds
between Al and a-Al2O3 [67].

Taken as a whole, it can be concluded by combining the
results from HRTEM and 3D-APT that the O impurities
were partly bounded in very small precipitates and clusters
near GBs, with sizes continuously covering a range from
10 nm to 10 atoms, due to the strong chemical interactions of the Al–O system. The remaining O atoms were
present as solid-solution inside Al grains despite the very
low solubility, likely circumvented due to the far-fromequilibrium nature of sputtering deposition.
3.2. Mechanical behavior
Mechanical properties of NC Al–O thin ﬁlms were primarily evaluated by means of nanoindentation operated
in the CSM mode [61], which is suited to the measurement
of relatively soft materials with marked indentation pile-up
behavior wherein the true contact area (A) cannot be accurately determined. At each indentation depth (h), the Oliver–Pharr hardness (H) and reduced modulus (Er) were
deﬁned as [60]:
pﬃﬃﬃ
p S
P
pﬃﬃﬃ :
H ¼ ; Er ¼
ð2Þ
2bi A
A
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Here, P and S are load and harmonic contact stiﬀness,
respectively, and bi is a constant determined by the geometry of indenter (bi = 1.034 for a Berkovich tip [71]). The
pile-up eﬀects can be eliminated by writing Eq. (2) as:
H
4 P
¼ b2i
:
p S2
E2r

ð3Þ

Fig. 6(a) shows P/S2 measured as functions of h/t for
representative batches of ﬁlms with similar t but diﬀerent
CO and hdAli, i.e. 200/0, 200/10, 200/50 and 200/100. All
measurements shown in Fig. 6 were carried out at
e_ i ¼ 0:05 s1 . As h/t increased, P/S2 typically showed an
initial dramatic decrease (h/t < 0.5), which may result from
surface roughness and/or surface oxidation, and ended
with a steady increase after the indenter reached the substrate (h/t > 1). Importantly, a plateau region of P/S2 was
consistently revealed for all ﬁlms as h approached t.
Herein, we deﬁne the plateau as 0.6 < h/t < 0.9 (see
Fig. 6a), which is similar to the results of Ref. [60] for Al
ﬁlms on glass substrate. Then, the averaged P/S2 values
in this range were used to determine the “true” indentation
hardness (Hf) of ﬁlms through:
 
4
P
H f ¼ b2i 
ð4Þ
 E2r :
p S2
Fig. 6b shows Er measured as functions of h/t for the
same batches of ﬁlms as in Fig. 6a. Although the Er values
were indeed overestimated owing to pile-up eﬀects [61], it
was unambiguously revealed for all measured ﬁlms that
Er ﬁrstly increased with h/t, and then rapidly converged
to a constant value which is dominated by the modulus
of substrate (Es) and thus not inﬂuenced by O content.
The diﬀerent asymptotic limits of Er shown in Fig. 6b are
likely the artifact due to the diﬀering extent of pile-up
eﬀects, which depend on the capacity of plastic deformation of the ﬁlms, which has been shown to diminish with
increasing O content [40]. In the range 0.6 < h/t < 0.9,
speciﬁcally, Er was within 90% of its asymptotic limit and
was approximately independent of h/t since the elastic

properties of glass substrate matched well with Al ﬁlms
[60]. Therefore, we assumed that Er in Eq. (4) was, to the
ﬁrst order, constant for all batches of ﬁlms (in the range
0.6 < h/t < 0.9) and can be approximated by:

1
1  m2i 1  m2s
Er ¼
þ
:
ð5Þ
Ei
Es
The subscripts i and s stand for indenter and substrate,
respectively, and E and m are their Young’s modulus and
Poisson’s ratio. Here we used Ei = 1140 GPa and
mi = 0.07 for the diamond tip, and Es = 73 GPa and
ms = 0.35 for the glass substrate [60].
Fig. 7 shows Hf for all batches of ﬁlms measured at
e_ i ¼ 0:05 s1 . Hf generally increased with increasing CO
and decreasing hdAli, which was consistent with previous
studies on NC alloys [43–48] on a qualitative level. Hence,
the following discussion will focus on quantitative understanding of the strengthening mechanisms, with special
attention paid to separation of the multiple strengthening
features attributed to the O impurities and ﬁne grain size.
In order to provide some indication of the dominant
mechanisms of deformation and strengthening, Hf were
also measured at diﬀerent e_ i (0.02, 0.05, 0.2 and 0.5 s1)
for selected batches of ﬁlms with similar t but diﬀerent
CO and hdAli, i.e. 200/0, 200/10, 200/50 and 200/100. As
shown in Fig. 8a, Hf increased with e_ i for all measured
ﬁlms, with the strain-rate sensitivity (m ¼ @ ln H f =@ ln e_ i )
calculated to be 0.02–0.05. These m values in NC Al–O thin
ﬁlms were remarkably higher than in their coarse-grained
counterparts [72] by about one order of magnitude, but
were in the similar range to ultraﬁne-grained Al
(m = 0.01–0.02) and NC Al ﬁlms (m = 0.03–0.14) in previous reports [73–75]. To elucidate this variation of strainrate dependence in further detail, the apparent activation
volume (X) was evaluated based on [43,76]:
X ¼

pﬃﬃﬃ
pﬃﬃﬃ
@ ln e_ i
@ ln e_ i
3k B T
¼ 3 3k B T
:
@ry
@H f

ð6Þ

Fig. 6. Nanoindentation measurement of the mechanical properties of NC Al–O thin ﬁlms. (a) P/S2 as functions of indentation depth (h) normalized by
ﬁlm thickness (t) for ﬁlms 200/0, 200/10, 200/50 and 200/100. Values of “true” indentation hardness are determined based on the plateaus of 0.6 < h/
t < 0.9 (shaded). (b) Oliver–Pharr reduced modulus (Er) as functions of h/t. Error bars designate standard deviations of at least 16 measurements. (For
interpretation of the references to color in this ﬁgure, the reader is referred to the web version of this article.)
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Fig. 7. Dependence of “true” indentation hardness (Hf) of NC Al–O thin ﬁlms on (a) global O content (CO) and (b) mean grain size (hdAli).

Fig. 8. Strain rate dependence of NC Al–O thin ﬁlms. (a) “True” indentation hardness (Hf) measured at diﬀerent indentation strain rates (_ei ). (b)
Dependence of activation volume (X*, normalized by cubed Burgers vector b3) on mean grain size (hdAli, solid squares), compared with previous
experimental results in ultraﬁne- and coarse-grained Al (open symbols). (c) Dependence of activation volume on global O content (CO). (For interpretation
of the references to color in this ﬁgure, the reader is referred to the web version of this article.)

X is often taken as the thermally activated signature of
a rate-limited deformation mechanism. Here, kB is the
Boltzmann constant, T is temperature and is assumed to
be 300 K. ry is the yield strength under uniaxial tension
and we assume Hf = T1ry with Tabor factor T1 = 3 [77].
Although T1 was sometimes reported to be >3 in NC metals [48,78], the larger factor may result from surface defects
and low density inherent to some NC ﬁlms, which leads to
the asymmetric tensile–compressive behavior. Stress-driven
grain growth in NC ﬁlms with low enough impurity content may also decrease ry [18] due to the early onset of
microplasticity [21–23]. Overall, X were calculated to be
13b3–17b3 (where b is the Burgers vector) for all measured
ﬁlms in Fig. 8a. In contrast, much larger X were reported

previously in ultraﬁne (40b3–100b3) and coarse (100b3–
1000b3) grained Al [72–74], as displayed in Fig. 8b. The
decreasing X with decreasing grain size has been demonstrated in other fcc metals such as Cu [12,79] and Ni
[43,76], and was believed to reﬂect the transition of ratelimited deformation mechanism from dislocation forest
interactions inside grains to GB-related processes such as
dislocation emission/absorption at GBs. X can be further
decreased by solid-solution or precipitation [80,81], though
this is only a higher-order eﬀect in NC metals exhibiting
very small X. On the other hand, the X values measured
here were still much larger than what was predicted
(b3–2b3) for “pure” GB-mediated processes such as GB
sliding and shear-coupled GB migration [82,83], which
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can be directly realized via short-range atomic diﬀusion or
shuﬄing [27,83]. Thus we concluded that interactions
between dislocations and obstacles (GBs and impurities)
still played the dominant role in the strengthening of NC
Al–O thin ﬁlms. Most importantly for this study, Fig. 8b
and c show that X was not remarkably dependent on
hdAli or CO, which suggested a consistent rate-limited
mechanism despite the relatively wide-range variation of
composition and microstructure over all measured ﬁlms.
This result thus enables a systematic modeling approach
capable of delineating the strengthening contributions of
various microstructural features in our ﬁlms. In the following section, the physical underpinnings of our analytical
model are described and the data shown in Fig. 7 can be
clearly understood on a quantitative level.
4. Discussion
4.1. Modeling the strengthening behavior of NC Al–O thin
ﬁlms
As revealed in the above TEM and 3D-APT characterizations, O impurities in NC Al–O thin ﬁlms were
present as multiple morphologies including a-Al2O3 precipitates, O-rich clusters and random solutes. For clarity,
a-Al2O3 precipitates are hereinafter speciﬁed as crystalline particles, which served as strong obstacles to dislocations [84]. In contrast, O-rich clusters are speciﬁed as
localized regions, mostly near GBs and sometimes within
Al grains, with O concentrations higher than the surrounding but not suﬃciently high to precipitate. Therefore, they are considered analogous to coherent (and
weak) precipitates in terms of their strengthening eﬀect
[85]. Regarding the solute atoms, their role in strengthening was simply modeled as an increase of lattice friction
for dislocation slip [44,86]. As a ﬁrst step to distinguishing the individual strengthening contributions from these
features, the partitioning of global O content (CO) was
estimated as follows. Based on deconvolution of the
bimodal grain size distribution (e.g. Fig. 2c and d), the
O content contributed by a-Al2O3 precipitates (CO-NP)
can be determined as:
3qa P
fa ðlog dÞ  d 3
Ma
C O-NP ¼ 5qa P
:
ð7Þ
P
Al
fa ðlog dÞ  d 3 þ gq
fAl ðlog dÞ  d 3
Ma
M Al
The subscripts a and Al stand for a-Al2O3 precipitates
and Al grains, respectively, and q, M and f(log d) are their
density, molar weight and log-normal distribution function, respectively. g = 2.3 is the averaged aspect ratio of
Al grains. Fig. 9 plots the CO-NP calculated for all batches
of ﬁlms, which generally increased with CO, and linear ﬁtting yields a constant partition ratio uNP = CO-NP/
CO = 0.27. This linear relationship was more clearly displayed by plotting CO vs. CO-CO-NP (also shown in
Fig. 9), which is equal to the O content contributed by both
O-rich clusters (CO-CL) and solute atoms (CO-SS).

Fig. 9. Partition of global O content (CO) in the multiple chemical states
of O impurities. Solid symbols and dashed line: O content in a-Al2O3
precipitates (CO-NP) measured by grain size distribution in TEM; open
symbols and short dashed line: sum of O contents in O-rich clusters
(CO-CL) and solute atoms (CO-SS), which equals to CO–CO-NP; crossed
symbols and dotted line: uCL = CO-CL/CO measured by cluster analysis in
3D-APT. (For interpretation of the references to color in this ﬁgure, the
reader is referred to the web version of this article.)

CO-CL and CO-SS can be further separated by means of
3D-APT and VV distribution analyses. Since a-Al2O3 precipitates were rarely observed in atom probe specimens,
we assume
R V that the segregated O atoms, corresponding to
I DIFF ¼ 0 V0 ðfEXP  fRND ÞdV V (see Fig. 5c), consisted
exclusively of O-rich clusters. Meanwhile, the O content
measured
3D-APT,
corresponding
to
R þ1 by
I EPR ¼ 0 fEXP dV V , was always lower than the global O
content also because high-O regions containing a-Al2O3
precipitates were not eﬀectively sampled. Therefore, the
CO measured by EDS were used in following quantitative
analysis, and the partition ratio for O-rich clusters, i.e.
uCL = CO-CL/CO = (1  uNP)IDIFF/IEXP, was calculated
for each atom probe datasets, giving an averaged value
of 0.05 (see inset of Fig. 9). Although only a few datasets
were measured, uCL was reasonably assumed constant.
As a result, uSS = CO-SS/CO = 1  uNP  uCL = 0.68 was
also constant, which naturally leads to the approximation
that the global CO was proportionally partitioned according to the multiple morphological states of impurities.
Having obtained a quantitative picture of the full microstructure of NC Al–O thin ﬁlms, the strengthening eﬀects
of individual impurity features were then derived based
on the well-established theories of interactions between dislocations and obstacles [84–86]. First, a-Al2O3 precipitates
were considered as very strong obstacles, forcing dislocations to circumvent them as in the Orowan mechanism
[84,87]. However, we note the mean spacing between pre1=3
cipitates, estimated as hd NP itNP (tNP is the volume fraction of precipitate, and simple math following Eq. (7)
gives tNP = (qAlMa/3qaMAl)CO-NP = 0.87uNPCO), was of
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the same order of hdAli for all batches of ﬁlms. This is different from some reports on dispersoid strengthening in
nanostructured metals [54,87], in which oxide precipitates
were dispersed with mean spacings substantially smaller
than grain sizes. We thus assume that a-Al2O3 precipitates
were preferentially located on the Al GBs, which would
also be expected as energetically favorable nucleation sites
for large (and incoherent) precipitates [30]. As a result,
each dislocation emitted from GBs [21,26] would be subsequently pinned (at either or both ends) by the a-Al2O3 precipitates residing on GBs, with the maximum bowing
curvature eﬀectively limited by hdAli. The increase of
critical shear stress due to dislocation bowing was thus
modeled as:
DsNP ¼ bNP br

Gb
:
hd Al i

ð8Þ

Here, G is shear modulus, b is Burgers vector,
bNP = 0.84 for very strong obstacles [84,88], and
br = 0.38 is given by the standard deviation of grain size
distributions following the Pythagorean sum rule, which
was shown to be optimal for the superposition of strengthening produced by obstacles with similar strengths [89,90].
We note that the critical shear stress for dislocation nucleation from GBs showed the same scaling of hdAli1, which
was suggested to prevail over the H–P relationship as grain
sizes were reﬁned to the nanoscale [2,91], and the corresponding X as small as 10b3–20b3 [76,79] also accorded
well with our measurements (see Fig. 8). Thus, Eq. (8) integrated the strengthening eﬀects contributed by driving dislocations through nanosized grains and the subsequent
pinning by a-Al2O3 precipitates. The increase of Hf was
thus written as DHf-NP = T1T2DsNP, with Tabor factor
T1 = 3 [77] and Taylor factor T2 = 3.06 [30].
As stated above, the O-rich clusters were considered as
coherent particles, since their lattice constant was slightly
diﬀerent from the Al matrix due to the higher concentration of O atoms, which can be simply considered as supersaturated solid-solution. The interactions between
dislocations and the misﬁt strain ﬁeld around clusters thus
lead to an additional strengthening eﬀect [85], though
weaker than that caused by the hard a-Al2O3 precipitates.
Accordingly, dislocations were expected to cut through
these clusters, irrespective of whether they were located
on GBs or inside grains. The change of elastic modulus
due to O solid-solution also contributed to strengthening,
but was much weaker than the size misﬁt eﬀect [85,92].
The increase of Hf due to O-rich clusters was thus
expressed as [92]:
DH f-CL ¼ T 1 T 2 DsCL


1
hd CL i 2 12
¼ bCL T 1 T 2 GeCL
tCL :
b
3
2

ð9Þ

Here, eCL is the misﬁt strain between O-rich clusters and
Al matrix, hdCLi is the average diameter of clusters, and
tCL is the volume fraction of clusters. The constant
bCL = 9.6 is determined by the shape of the dislocation
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stress ﬁeld and the Poisson ratio of Al [92]. As calculated
based on Eq. (1), the average size (hNi) of O-rich clusters
was 30 atoms, equivalent to hdCLi  1.4 nm if considered
as dense a-Al2O3 precipitates (note thatVV of O atoms in
a-Al2O3 is only 0.043 nm3). However, the averaged Voronoi volume (hVVi) for the O atoms classiﬁed as clusters
was as large as 1.5 nm3 (averaging all datasets), which
means the O concentration in clusters is still much lower
than in precipitates. Thus we make the following straightforward assumptions:

13
V WS
6hN i
eCL ¼ eM
; hd CL i ¼
hV V i ;
p
hV V i
hV V i
:
ð10Þ
tCL ¼ uCL C O
V WS
Here, eM is the misﬁt strain of inserting an individual O
atom (or ion) into the Wigner–Seitz cell of fcc-Al with
volume VWS = 0.017 nm3. The lower and upper bounds
of eM were estimated to be 0.036 and 0.58, corresponding
to inserting an uncharged O atom (r = 0.66 Å) and an
O2 ion (r = 1.40 Å) in the octahedral interstitial site
(r = 0.59 Å) of fcc-Al lattice [93], respectively, and an experimental estimation of eM is provided below. Again,
although the value of hdCLi = 4.3 nm determined by Eq.
(10) is quite close to the sizes of the a-Al2O3 precipitates,
the strengthening eﬀect of an individual O-rich cluster is still
weaker due to the larger hVVi of supersaturated O solutes.
Similar to but even weaker than O-rich clusters, the
strengthening eﬀect of random solute atoms was described
using Labusch’s theory [86] by considering the interaction
between dislocations and the misﬁt strain ﬁeld produced
by an array of point defects. Again, the contribution from
modulus misﬁt was weaker and thus neglected [92]. Since
the octahedral interstitial sites in fcc-lattice are spherically
symmetric, the analytical approach for substitutional solute atoms in Ref. [92] can be still applicable. The increase
of Hf due to random solid-solution was thus written as:
4

2

2

DH f-SS ¼ T 1 T 2 DsSS ¼ bSS T 1 T 2 Ge3M u3SS  C 3O :

ð11Þ

The constant bCL = 0.24 is determined by the eﬀective
amplitude and width of the misﬁt strain ﬁeld [92]. As illustrated in Fig. 10a, interactions between dislocations and
the multiple states of impurities are expected to occur
simultaneously, thus the measured Hf of NC Al–O thin
ﬁlms must be the superposition of above strengthening
mechanisms following some speciﬁc sum rule. Observing
that the characteristic length scales and resistances of aAl2O3 precipitates (and GBs), O-rich clusters and random
solutes were substantially diﬀerent, here we assume the following linear superposition of their individual contributions [84,94]:
H f ðC O ; hd Al iÞ ¼ H 0 þ jNP  hd Al i

1

1

2

þ vCL  C 2O þ xSS  C 3O :

ð12Þ
The ﬁtting parameters were analytically expressed as
follows:
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Fig. 10. Strengthening model of NC Al–O thin ﬁlms. (a) Schematic of dislocation interactions with (1) a-Al2O3 precipitates, (2) O-rich clusters and (3)
solute atoms. See text for details. (b) 3-D ﬁtting of experimental data in Fig. 7. (c and d) Deconvolution of strengthening eﬀects contributed by the multiple
morphologies of O impurities. (For interpretation of the references to color in this ﬁgure, the reader is referred to the web version of this article.)

jNP ¼ 0:32T 1 T 2 Gb
3
2

vCL ¼ 0:0093T 1 T 2 GeM :

ð13Þ

4
3

xSS ¼ 0:0086T 1 T 2 GeM
The experimental results in Fig. 7 were well ﬁtted by
Eq. (12) for the full space of CO and hdAli, yielding ﬁtting
parameters
H0 = 0.86 GPa,
jNP = 19.9 GPa nm,
vCL = 0.22 GPa and xSS = 0.075 GPa (see Fig. 10b). Using
T1 = 3, T2 = 3.06, and the values of bulk Al, i.e.
G = 26 GPa and b = 0.286 nm, yielded jNP = 21.8
GPa nm, which agrees quantitatively with the ﬁtted value.
The result was still reasonable even when using T1 > 3,
which can be reconciled by considering the moduli of NC
Al–O thin ﬁlms to be lower than bulk values, as suggested
by several measurements of NC thin ﬁlms [48,95,96]. In
addition, the ﬁtted value of jNP can be used for the
evaluation of other parameters, since the term T1T2G was
common to all strengthening contributions. Based on
Eq. (13), the atomic misﬁt strain eM was calculated as

0.10–0.21, corresponding to an O atomic radius of 0.78–
0.95 Å, which indicated a substantial charge transfer
between the interstitial O atom and the surrounding Al lattice, as predicted by previous atomistic simulations [42].
Hence, the individual contributions from each of the
strengthening features were well separated, as shown in
Fig. 10c and d. We show that both O impurities and grain
size contributed remarkably to the strengthening of NC
Al–O thin ﬁlms. Moreover, a-Al2O3 precipitates (coupled
with GBs) served as the principal strengthening features
due to their strong resistance to dislocations. The strengthening eﬀect of O-rich clusters was nearly comparable to
that of a-Al2O3 precipitates due to the large number of
supersaturated ﬁne regions, even though the resistance of
individual clusters is moderate. This non-negligible
strengthening contribution from O-rich clusters further
motivates the need for systematic characterization of such
complex microstructures, which cannot be adequately represented by conventional TEM approaches alone. Finally,
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Fig. 11. Microtensile testing of NC Al–O thin ﬁlms. (a) Stress–strain curves for ﬁlms 200/0 and 200/50 (two batches each, with diﬀerent ﬁlm thickness). (b)
Comparison of grain size statistics (area-weighted cumulative probability) measured in as-deposited (as-dep) ﬁlms and close to fracture end of postdeformed (post-def) ﬁlms. (For interpretation of the references to color in this ﬁgure, the reader is referred to the web version of this article.)

solid–solution strengthening was found to be much weaker
in NC Al–O thin ﬁlms, thus re-emphasizing the signiﬁcance
of strong chemical interactions, which are particularly
important in the Al–O system, for the mechanical properties of NC alloys.
4.2. Tailoring the mechanical behavior of NC Al–O thin ﬁlms
Whereas the above analysis focused on the hardening
mechanisms of NC Al–O thin ﬁlms, we now turn attention
to the overall mechanical behavior of these materials as measured by microtensile testing. Fig. 11a shows representative
true stress–true strain behavior measured from two batches
of 200/0 and two batches of 200/50 ﬁlms. As indicated, the
ﬁlm thicknesses varied between the batches of each nominal
composition. The following salient features can be identiﬁed
from these microtensile curves and the strength and ductility
values listed in Table 1. First, the 200/0 ﬁlms show very low
yield strengths and moderate ultimate strengths. The thinner
ﬁlms (t = 156 nm) showed lower ductility, an eﬀect that has
been previously reported [18,75] and discussed in the context
of the role of specimen geometry on governing necking
instabilities and thus uniform plastic deformation. Nonetheless, the tensile behavior of both 200/0 ﬁlms (e.g. early deviation from linear elasticity, relatively large plastic strain) is
reminiscent of the mechanical response of suﬃciently pure
NC ﬁlms undergoing stress-driven grain growth [18,40].
Indeed, measurement of grain size distributions before and
after tensile test (see Fig. 11b) reveals microstructural evolution owing to the applied deformation.
In contrast, the 200/50 ﬁlms demonstrated elevated
strengths and reduced tensile ductility. The eﬀect of addition of O impurities can be clearly seen by comparing the
200/0 and 200/50 ﬁlms with near-identical thicknesses
(184 and 187 nm, respectively). Interestingly, the thicker
200/50 ﬁlms (t = 206 nm) showed total strains to failure
as high as 2%, demonstrating a capacity for plastic deformation even in ﬁlms with small grain sizes and relatively
high impurity contents. These ﬁlms also showed a sharp

transition from an apparent elastic to a plastic regime,
which is suggestive of an increase in the overall pinning
strength of impurities needed for plastic ﬂow compared
to microplasticity. Unlike the 200/0 ﬁlms, the 200/50 ﬁlms
showed no stress-driven grain growth, as indicated by the
grain size statistics shown in Fig. 11b. This result corroborates the work of Tang et al. [40], who proposed that a critical GB excess of O solutes was required to suppress the
stress-driven microstructural evolution. Therefore, the O
content available in 200/50 ﬁlms was suﬃcient to pin
GBs from large-scale migration, while the 200/0 ﬁlms were
eﬀectively pure, though a-Al2O3 precipitates and O-rich
clusters were still present. The grain growth mechanisms
have been shown to produce plastic strain [97,98], but the
present results suggest that alternate mechanisms are
responsible for tensile ductility in NC alloy ﬁlms where
grain growth is largely suppressed. Nevertheless, our above
model for hardening relies only on the initial microstructural parameters, whereas any description of late-stage ﬂow
behavior or damage accumulation would need to account
for microstructural evolution during deformation. Taken
as a whole, the complex microstructures with various
chemical and structural states of O impurities lead to a
wide range of mechanical behavior, all of which show different extents of plastic deformation.
5. Conclusions
On the basis of quantitative microstructural characterization, mechanical behavior measurements and analytical
modeling of NC Al–O thin ﬁlms, we draw the following
conclusions:
 Our confocal co-sputtering approach enables the microstructure and mechanical behavior of NC Al–O thin
ﬁlms to be studied over a wide range of grain sizes
and compositions. The global O content and mean grain
sizes were controlled by DC and RF power in a quasiindependent manner.
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 Multiple morphologies of O impurities, including nanosized a-Al2O3 precipitates, O-rich clusters segregated
along GBs, and O solutes randomly dispersed within
Al grains, were revealed by detailed HRTEM and 3DAPT characterization. Quantiﬁcation of O content in
each feature was further enabled by analyses of grain
size statistics and Voronoi volume distributions, indicating constant partition ratios of the global O content over
the entire composition range.
 The hardness of NC Al–O thin ﬁlms was found to
depend strongly on both grain size and composition,
and increased by nearly a factor of 2 for very ﬁne grain
sizes and high O contents relative to purer counterparts.
Moreover, the hardness was found to be strongly rate
sensitive, with apparent activation volumes of 13b3–
17b3, which were consistent over the entire grain size
and composition range, suggesting the same rate-limited
deformation mechanism(s) in all the ﬁlms studied.
 The strengthening of NC Al–O thin ﬁlms was well delineated only when considering both impurity and grain
size eﬀects. A microstructure-informed analytical model
was able to capture the strengthening behavior over the
full range of grain size and O content, and the contributions from each strengthening feature could be distinguished. Our model indicated that a-Al2O3 precipitates
and O-rich clusters played dominant roles, while random solute atoms played only a secondary role.
 Microtensile testing of selected batches of NC Al–O thin
ﬁlms showed similar trends in strengthening and a
capacity for ductile behavior in both nominally pure
and alloyed ﬁlms. Stress-driven grain growth was found
to be suppressed in higher O content ﬁlms, highlighting
the role of impurity atmosphere in pinning GBs from
migration induced by local stresses.
Our study as a whole demonstrates the diversity of
mechanical behavior that results from the combination of
chemical and structural features with nanoscale dimensions. In comparison to other reported NC alloy systems
with more typical metallic bonding between constituent
species, NC Al–O thin ﬁlms show greatly enhanced
strengthening capability over a modest composition range,
thus underlining the role of strong chemical interactions in
our Al–O system and the various microstructures that can
be consequently obtained. The relative eﬃcacy of nanocrystalline grain sizes, nanoscale precipitates, and supersaturated solid solution in controlling other important
structural and functional properties such as thermal stability, thermal conductivity and thermoelectricity, should be
interesting avenues for future research.
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